Doctoral Thesis

Thesis Title

In-situ Observation of Atomic-Scale Defect Evolutions in

Pure Al and Al-Cu Alloys by Spherical Aberration-Corrected

Transmission Electron Microscopy

Department of Quantum Science and Energy Engineering
Graduate school of Engineering,

TOHOKU UNIVERSITY

CHEN JIAO






Advising Professor at
Tohoku Univ.

Professor Yasuyoshi NAGAI

Research Advisor at
Tohoku Univ.

Dissertation Committee
Members
Name marked with
“0” 1s the Chair of the

Committee

o Prof. Yasuyoshi, NAGAI

1 Prof. Akira, HASEGAWA 2 Prof. Ryuta, KASADA

3 Associate Prof. Koji, INOUE 4 Associate Prof. Kenta, YOSHIDA







TOHOKU UNIVERSITY

Graduate School of Engineering

In-situ Observation of Atomic-Scale Defect Evolutions in Pure Al and Al-Cu Alloys by

Spherical Aberration-Corrected Transmission Electron Microscopy

(1o fffe % O E TR B X 240 Al & Al-Cu &8 DR TR InZE 8 I B

ERRA20IE )

A dissertation submitted for the degree of Doctor of Philosophy (Engineering)

Department of Quantum Science and Energy Engineering

by
CHEN Jiao

January 7, 2022






In-situ Observation of Atomic-Scale Defect Evolutions in Pure Al and Al-Cu Alloys by
Spherical Aberration-Corrected Transmission Electron Microscope

CHEN lJiao

Abstract

The atomic-scale point defects, interstitial atoms and vacancies, are produced during irradiation process
in materials. It is not so easy to check their existence due to their migration behaviour and atomic-scale
size by transmission electron microscope (TEM) until they effect the diffusion of alloy elements or form
planar agglomerates which result in properties changing of materials. Therefore, the behaviour of
irradiation induced point defects, including interstitial atoms and vacancies, has been investigated from
observing the evolution of corresponding planar agglomerates of point defects by using high voltage
electron microscope (HVEM) because of its high beam energy, it is easy to induce irradiation defects and
obtain higher resolution for defects. However, for the evolutions at atomic scale, such as clustering,
growth or disappearing details have not been clearly investigated. Here, in-situ observation in spherical
aberration-corrected transmission electron microscopy (AC-TEM) is a useful technique for visualizing
evolution of individual point defect agglomerates in atomic scale. By using this technique with a 200 kV
electron irradiation, the dislocation loop evolutions in pure Al thin films, and the evolution of dislocation
loop with precipitates in Al-Cu alloys under electron irradiation are investigated at room temperature (RT).

For the dislocation loop evolutions in electron irradiated pure Al thin film, firstly, an intrinsic faulted
loop (stacking fault) formation process is observed at RT under a beam flux of 8.61 X 102° e~ -cm™2 -
571, this faulted loop formed by electron irradiation at the area which shows a low image intensity during
prolonged observation time. The low image intensity observed in HRTEM images is speculated to be
caused by electron irradiation induced vacancy clusters based on the formation mechanism of vacancy
type faulted loops in Al and a referenced Monte Carlo (MC) simulation result. Subsequently, the formed
faulted loops grew up toward both ends of itself, after growing to a limited length, finally disappeared in
less than 1 frame during prolonged irradiation time at RT. This growth process is explained as the
movements of edge dislocations, which located at both sides of the faulted loops, and the driving force of
its movements is attributed to electron irradiation induced vacancies and interstitial atoms migrations. In
addition, the disappearance mechanism of induced faulted loops is suggested to be due to the vacancy
diffusion for strain relaxation by applying a geometric phase analysis (GPA) method. Therefore, for the
clustering, growth and disappearance process of electron irradiation induced vacancy type dislocation
loops, there shows a direct experimental report in Al at atomic-scale by using the 200 kV AC-TEM
technique.

Furthermore, the interaction of dislocation loop with precipitates during evolutions are also

investigated in present study. An Al-1.7Cu (at. %) alloys are performed under electron irradiation by 200



kV AC-TEM with a beam flux of 3.74 x 102° ¢~ - cm™2 - s™! at RT. Firstly, the Al-Cu 1.7(at. %) alloys
with a dissolution state showing a homogeneous image contrast in both thin and thick samples are
observed by high angle annular dark field scanning-TEM (HAADF-STEM), and the Cu concentration of
the commercial Al-Cu alloy after dissolution treatment is calculated from the energy dispersive X-ray
(EDX) spectrum with background noise subtraction to be 1.57 + 0.02 at. %. Then, during in-situ
observation, a formation of a/3[111] intrinsic Frank loops is also observed under electron irradiation in
dissolved Al-Cu alloys, and this is induced by an asymmetrical climb of the edge dislocation at one side
of Frank loops during a prolonged irradiation time. Meanwhile, a considerable strain contrast showing
coherent interference between two observed stable edge dislocations is noticed. By combining the
experimental results and a referenced theoretical calculation for the asymmetrical climb of the edge
dislocation with Burgers vector of a/3[111], the Cu-Cu bonding in Cu coherent precipitates is described

as a possible pinning site of the dislocation climb.
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Chapter 1. Background and Objectives

1.1 Atomic-scale defects under electron irradiation

The atomic-scale defects, interstitial atoms and vacancies, known as Frenkel pairs, are
produced during irradiation process in materials. Such atomic-scale defects are essential,
since the line, plane, and volume defects (such as dislocation loops, stacking faults and
voids) evolved from them that are ubiquitous in the crystal materials [1-4]. For example,
interstitial atoms would accumulate as dislocation loops at very early stage of irradiation,
and such dislocation loops could play an important role in the remaining hardening after
thermal annealing in materials [5]; vacancies effecting the diffusion of alloy elements, or
form into voids which result in irradiation swelling of materials, was also checked by Wan
[6] and Nakai [1, 7], their studies determined that the voids have contribution to the
irradiation hardening in nuclear material. Hence, understanding of the line, plane, and
volume defects formation process and identification of these atomic-scale defects
behaviour become important at the atomic-scale. However, it is difficult to visualize the
defect evolutions at atomic-scale by TEM due to the migration behaviour of interstitial
atoms and vacancies and their atomic-scale size.

Actually, the behaviour of irradiation induced defects, including interstitial atoms and
vacancies, may be investigated from observing corresponding dislocation evolutions [8-
10]. A few experimental methods can be used to identify the migration of point defects
(interstitial atoms and vacancies) in solid materials. Kiritani et al. [11-12] proposed one
method as early as 1970 s, to measure the motion of vacancies in iron by observing
dislocation loops evolution, they pointed out that the vacancy migration behaviour is

indicated by the size change of dislocation loop which is far down from the surface to
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avoid the sample-surface effect. They chose the high voltage electron microscope (HVEM)
as observation method, this is because the high-energy electron irradiation generated by
HVEM produces pure Frenkel point defect pairs, which is helpful to the understanding of
point defects mobility [13-18]. In addition, interstitial atom’s migration behaviour under
high-energy electron irradiation has also been measured by Yoshida et al. in FCC gold
and BCC iron [19-20]. They reported that the nucleation, formation and shrinkage of
interstitial type dislocation loops are observed in both gold and iron during high-energy
electron irradiation. Meanwhile, Figure 1.1(a) and (b) show the examples of the vacancy
type dislocation loops in iron [6] and the interstitial type dislocation loops in Fe-16Ni-
15Cr [5], which growing, disappearing and shrinkage during high energy beam electron
irradiation are observed using HVEM, respectively. In their studies, they speculated that
the behaviour of vacancies and interstitial atoms can be obtained from observing the
evolutions of corresponding dislocation loops. However, for the point defect clustering
process at atomic scale, they didn’t investigate more details. One of the reasons is the
sample thickness, the samples about 500 nm thick were used for their studies. As known
that at this thickness, the dislocation loops are overlapped along the observation zone axis,
instead of single dislocation loop, so the point defect clustering details of these dislocation
loops cannot be observed, perfectly. Therefore, one of the necessary conditions for the

point defect clustering process is enough thin samples.



| Vacancy type

30 sec

Interstitial type

Figure 1.1 (a) Vacancy type dislocation loops in iron, [b] Interstitial type dislocation loops in
Fe-16Ni-15Cr [5], which growing, disappearing and shrinkage during high energy beam
electron irradiation are observed using HVEM.

1.2 Dislocation loop evolutions in electron irradiated pure Al thin film
For the dislocation loop evolutions, a number of investigations of electron
displacement damage in FCC-Al in a high voltage electron microscope also have been
reported [21-29]. However, the results are not completely consistent. While Shiraishi et
al. [22-23] found that defect clusters in Al (thickness t = 0.5 um) formed and then

!'as aresult of electron irradiation

disappeared under a beam flux of 3.0 x 10 ¢™ - cm™2 - s~
at 343 K. Wolfenden et al. [25] observed faulted loops in Al (thickness t = 0.5 um)

following irradiation at 423 K and Kiritani [26] also observed faulted loops with a beam
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flux of 3.8 x 10" ™ - cm™2 - s ' at 433 K, respectively. Then, Shiraishi et al. found vacancy
loops at temperature lower than 343 K under a vacancy supersaturated environment but
the work by Jitsukaga [27] and Kiritani et al. indicated that the loops formed in electron
irradiated 99.999 % Al were predominantly of interstitial type, as shown in Figure 1.2 (a)
and (b), respectively. While Rao [28] analyzed the perfect loops in Al after irradiation at
293 K and 650 kV and found that 42 % were vacancy type loops and 58% were interstitial
one’s. In addition to these discrepancies in the observations on defects in electron
irradiated Al, it must be noted that Yang et al. [29] also discussed in an Al sample
(thickness t = 0.8~2 um) irradiated at 373 K with a total damage of 0.58 dpa, ~36% of
these loops were vacancy and ~64 % of were interstitial type, moreover, the formation
of dislocation loops in same sample irradiated at 398 K, the majority of the dislocation
loops 90 %, observed in all specimens were faulted and were interstitial type in nature.
On the other hand, Shoib and Segall [30] observed that small vacancy clusters produced
by quenching in Al shrank and disappeared during electron irradiation. These reviews
above show that the nature of electron irradiation damage in Al might has major

discrepancies.
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Figure 1.2 Induced Frank loop type in Al under electron irradiation. (a) Vacancy loops under

a vacancy supersaturated environment; [b] Interstitial type.

In addition, the above researchers also speculated the behaviour of Al vacancies and
interstitial atoms from observing a rapid growth, disappearance and shrinkage of
corresponding dislocation loops (vacancy or interstitial type). It is well known that at
both ends of dislocation loops, there are two edge dislocations, the growth or shrinkage
of dislocation loops can be attributed to the edge dislocation migration, as shown in the
Figure 1.3. Meanwhile, from the perspective of edge dislocation migration mechanism,
the driving force of edge dislocation migrations can be considered as the electron
irradiation induced vacancy and interstitial atom migrations. However, for this
explanation, due to the limited observation resolution and the jumping behaviour of Al
atoms, resulting in the dynamic formation process (vacancy/interstitial type loops)

cannot be clearly identified.

00000000000 O0
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00000000000 00

Figure 1.3. Schematic of two edge dislocations located at ends of two dislocation loops
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(interstitial and vacancy type).

For the high-resolution observation, it not only depends on electron wavelength but
also spherical aberration coefficient Cg in TEM resolution theory. So, an Aberration
Corrected-TEM (AC-TEM) also can achieve atomic-scale resolution by C correction.
Generally speaking, for the AC-TEM, their electron beam energy is not so high as
HVEM, such as, the 200 kV AC-TEM, but 200 kV electron irradiation can also knock-
on atoms and form interstitial atoms and vacancies in Al.

Therefore, in order to provide a more complete picture of the dislocation loop
evolutions due to the edge dislocation migration caused by the migration of vacancy and
interstitial atoms during electron irradiation, as an example here, Al was used to
quantitatively reveal the evolution of dislocation loop during electron irradiation using
200-kV AC-TEM technique. This is because the displacement threshold energy of Al is
16 eV and the maximum transferable energy is 183 keV for atom displacement under
electron irradiation [31-33], 200-kV acceleration voltage is sufficiently high to induce
displacement damage in FCC Al It is also reported by Wolfenden [34-36] that the
electron displacement damage was produced in high-purity Al at voltage as low as 200

kV.

1.3 Coherent precipitate hardening
When the edge dislocation movements come into contact with the mechanical
properties of materials, one of the main properties of the physical metallurgy is hardness
of material. Dislocations as the main carriers of plastic deformation in metallic materials,
their slip and climb behaviour affects the source of the structural material hardening.

Since the critical shear stress to promote dislocation migration in the most suitable
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crystallographic planes in most metals is very low, one strategy to achieve this objective
is to insert different types of obstacles in the dislocation glide or climb plane to hinder
dislocation migrations [37]. The presence of alloying elements in a solid solution and of
precipitates can act as one of obstacles in crystalline samples lead to hardening, termed
as solution hardening and precipitation (coherent and incoherent) hardening,
respectively, a schematic for this explanation is shown in Figure 1.4. The top side
(Figure 1.4[a]) includes two Frank loops and their corresponding edge dislocations, a
precipitate in the crystal is displayed in the right side of Figure 1.4(a). In this figure, one
of edge dislocations (bottom side) climbs along the climb direction, when the edge
dislocation approaches the precipitate, the dislocation is arrested at the precipitates

(Figure 1.4[b]).


https://www.sciencedirect.com/topics/physics-and-astronomy/polycrystalline
https://www.sciencedirect.com/topics/physics-and-astronomy/precipitation-hardening

a Inserted plane  Edge dislocations

Taken out plane FCC lattice Perfect lattice

b Moving
dislocation line

b
N\ Dislocation moving
precipitates is  stopped by

/ precipitate
b

b

Figure 1.4. Schematic of two edge dislocations and a precipitate in crystal lattice (a) and
schematic illustration of their interaction (b).

Based on the hardening mechanism, precipitation hardening due to large incoherent
precipitates has been well studied regarding the role of dislocation interaction, obstacle
strength by the formation of an Orowan loop and size dependence on mechanical
properties [38-42]. Meanwhile, it is reported that in the initial precipitate hardening
process, the precipitate hardening effect caused by coherent precipitates can be greater
than that caused by incoherent precipitates, which is due to the large number density of

precipitates in the early stage, resulting in a large area of lattice strain that can inhibit



the edge dislocation movement [43-45], as shown in the graph of Figure 1.5. However,
the coherent precipitate hardening effect caused by local lattice strain could not be

accurately evaluated due to the limited lattice stain contrast observation by ordinary

TEM technique.
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Figure 1.5 Schematic illustration of the precipitate strengthening contributions [44].
Hence, in order to investigate the Frank loop evolutions with precipitates in coherent
precipitate hardening mechanism, the secondary phase is necessary for this investigation.
Then, the Cu atoms were selected as secondary phase to dope in pure Al becomes Al-
Cu alloys. This is due to the very low solubility of Cu atoms in Al, which are easily
diffused into Cu clusters (coherent/incoherent) in TEM observations under electron
irradiation at RT. Meanwhile, in the study of the precipitate hardening mechanism, lots
of experiments and simulations used the Al-Cu alloys as example to investigate the

mechanism and obtained several considerable results.
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1.4 In-situ HRTEM observation

In present study, growing attentions are focused on exploring the evolution of
dislocation loops and understanding the dislocation loop evolution with precipitates in
coherent precipitate hardening mechanism during electron irradiation. Recently, the
rapid development of in-situ TEM observation technique makes it possible to directly
observe the dynamic evolution process of dislocation loops during electron irradiation
[14, 46-48]. Some researchers also have used this in-situ TEM observation technique to
visualize the microstructural evolution in the FCC lattice of Al, under electron
irradiation, elevated temperature [49] and doping second phase precipitates [50] in real
space and in nanometer scale. For example, Hale et al. [49] and Martin [51] investigated
the dislocation motion in creep process using the in-situ HVEM observation technique;
Shimotomori and Hasiguti [50] in-situ observed the prismatic punching of dislocation
loops at second phase precipitates in an Al-1.3Li alloy. /n-situ electron irradiation of Al
at different conditions has been extensively studied using the TEM observation.
However, for the evolutions of electron irradiation induced dislocation loops, which is
due to the electron irradiation induced vacancy and interstitial atom migrations at atomic
scale still not be dynamic observed. Therefore, here for the dislocation loop evolution
observation, the in-situ AC-TEM observation under an energetic electron beam
irradiation has been used to irradiated Al due to the dynamic behaviour of dislocation
loops at atomic-scale also can be recorded by this in-situ observation technique.

Meanwhile, HRTEM imaging provides an effective technique to characterize material
morphology with lattice strain, which is based on the phase contrast. Therefore, here,

the HRTEM imaging technique with a new equipment for in-situ atomic-scale
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observation system was performed to visualize the morphology, size and evolution of
the dislocation loops with precipitates in the coherent precipitate hardening mechanism

for the Al-Cu alloys.

1.5 Objectives of current thesis
In the present work, in-situ HRTEM observation and electron irradiation experiments
under TEM were simultaneously carried out for pure Al and Al-Cu alloys at room
temperature. The evolutions of dislocation loops in high purity Al and dislocation loop
evolution with precipitates in Al-Cu alloys were investigated by real-time. The details
are shown as follows:
1. To investigate the evolution of dislocation loops, a high-purity Al was irradiated
with electrons using 200 kV AC-TEM at RT and 623 K.
2. To examine and discuss the formation process and disappearance mechanisms of
dislocation loops in high-purity Al during electron irradiation.
3. Toclarify the dislocation loop evolutions with lattice strain in coherent precipitate
hardening mechanism, an Al-1.7 % Cu alloy was irradiated with electrons using
200 kV AC-TEM at RT.
4. To examine and discuss the edge dislocation movements with doping Cu atoms

in Al, such as pinning effect in hardening mechanism.

The whole thesis contains 5 chapters:
Chapter 1: Background and Objectives. In this chapter, for explaining the importance
of dislocation loop evolutions due to the edge dislocation migration in materials and the

interaction between dislocation loop and coherent precipitate with lattice strain in
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hardening mechanism, relevant fundamental knowledges are briefly introduced. For
instance, the driving force of edge dislocation migration can be considered as the electron
irradiated vacancy and interstitial atom migrations; interstitial atoms and vacancy in Al
can be introduced by 200 kV electron irradiation; a large area of lattice strain inhibits the
edge dislocation movement in coherent precipitate hardening mechanism, and the useful
in-situ observation technique. Such background can lead to the main research topics and
the methods to study these points.

Chapter 2: Experiments and methods. In this chapter, the main experimental
technique used in present thesis are introduced, which includes sample preparation,
principle of TEM, phase contrast in HRTEM techniques, in-situ observation system and
Geometric Phase Analysis (GPA) methods.

Chapter 3: In-situ atomic-scale observation of dislocation loops in Al thin films via
AC-TEM. This chapter introduced the first research topic of present thesis (in-situ
observation of pure Al thin film). Firstly, the dislocation loops produced from atomic
scale defects under electron irradiation in a high-purity Al thin film were observed using
200 kV AC-TEM at RT. Before dislocation loop formation, an observed inhomogeneous
contrast in the TEM images was observed, then, the observed inhomogeneous contrast
was speculated from the result of experiment and discussed using a kinetic Monte Carlo
simulation method by Dr. Zhao from Nagai lab., it is proved that it is caused by the
irradiation induced vacancy clusters. Finally, the growth process and disappearance
mechanism of the electron irradiation induced dislocation loops was also investigated by
a Geometric Phase Analysis (GPA) method.

Chapter 4: Atomic scale observation of dislocation evolution in an Al-Cu alloy with

coherent precipitate by in-situ irradiation electron microscopy. This chapter
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introduced the second research topic of present thesis (in-situ observation of Al-Cu alloys).
Firstly, the asymmetric growth process and stability of dislocation loops during prolonged
electron irradiation were observed using 200 kV AC-TEM at RT. Then, the different
results between pure Al thin film and Al-Cu alloys were discussed by the same GPA
method. Meanwhile, the pinning effect in coherent hardening mechanism was
investigated at the end of this section. Finally, the interaction between dislocations and
coherent precipitates (coherent hardening mechanism) was also discussed using a
Molecular Dynamic simulation by Prof. Suzudo from Japan atomic energy agency
(JAEA).

Chapter 5: Summary. The last chapter of current thesis, a summary of the contents in

current thesis are given at the end of this study.
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Chapter 2. Experiments and methods

2.1 Sample preparation
2.1.1 Sample fabrication of Al thin films

Al films with the purity of 99.999 % (The Nilaco Corp.) were cut into ®3-mm discs
and then mechanically polished with a dimple grinder (Model 656, Gatan) and abrasive
paper discs (#600, #800, #1200 and #2000, Sankyo Rikagaku) until electron-transparent
wafers had been obtained. Thereafter, the 3 mm Al discs were electrochemically polished
using a twin-jet polishing machine (TenuPol-5) with the mixture of 25 % nitric acid and

75 % methanol at a temperature below 0 °C and the applied potential of 10-12 V.

2.1.2 Sample fabrication of Al-Cu alloys

An Al-1.7Cu (at. %) alloy (©3 mm X 35 mm) with a chemical composition of 98.3
at. % Al and 1.7 at. % Cu was provided by Nilaco (No. 572684). The commercial Al-
1.7Cu (at. %) alloy was solution-treated at 833 K for 1 h and quenched immediately in
ice water. The temperature history of sample preparation for Al-Cu alloys is given as
Figure 2.1. Then, thin-film samples (approximately 20 nm thick) were prepared for

HRTEM observation by an Ar ion milling technique at RT.
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Figure 2.1. The temperature history of sample preparation for AlICu-solution sample.

Moreover, the initial chemical composition of the Al-Cu alloy is shown in Table 1.1.
The quenched Al-Cu alloy also was cut into ®3-mm discs with thicknesses of 1 mm.
Subsequently, these discs were mechanically ground to thicknesses ranging from 75 to 95
pm. Then, for the Ar milling technique. The milling voltages were 5 kV for 8 hours; 4, 3,
2, 1 and 0.5 kV for 15 minutes each and 0.3 kV for 30 minutes. The milling angle was
maintained at + 4° for all of voltages. This thin film is referred to as the AlCu-solution
sample.

Table 1.1. Composition of the Al-Cu alloy (3 mm 35 mm, Order No. 572684, Cu ® x

concentration; 1.7 at. %).
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Chemical composition [at. %]

Si Fe Cu Mn Mg Cr Zn Ti Al
0.590 0.120 1.700 0.300 0.800 0.005 0.017 0.011 Bal.

2.2 Characterization of pure Al thin films and Al-Cu alloys

The in-situ HRTEM image observations for Al thin films and AI-Cu alloys were
performed on an AC-TEM microscope (ARM 200F, JEOL) with an adjustable spherical
aberration coefficient of Cj, in present study, the C; value was corrected as 0 nm. These
samples were observed along the [110] zone axis (close-packed direction) of the FCC Al
lattice and Al-Cu alloys. Microstructure evolutions during electron irradiation were
recorded as dynamic movements using a high-speed charge-coupled device (CCD)
camera (Orius SC200, Gatan) with the average exposure time of 0.05 s. While recording
the microstructure evolutions under 200-keV electron irradiation, the current densities
measured from a viewing screen (d =4 cm) are used 423.8 pA/cm? for pure Al thin film
and 183.5 pA/cm? for AlCu-solution sample, the beam had a diameter of 70 nm, then
the corresponding beam flux of 8.61 X 102° e~ -cm™2-s™1 for Al thin films and a
beam flux of 3.74 x 10*° ¢ - cm™? - s7! for Al-Cu alloys, respectively. Then, the
corresponding displacement per atom (dpa) rate of 0.0589 dpa/s and 0.0256 dpa/s for an
Al atom displacement energy of 16 eV were obtained at 293 K (RT) [31, 32]. Noted that
the different dose rate selections are stochastic in present study. To remove contamination
and surface damage, both the Al thin film and the AICu-solution sample were annealed at
623 K in a high vacuum of 1.2 X 107° Pa on a dedicated heating system before in-situ

electron irradiation at RT.
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2.3 Transmission Electron Microscopy
2.3.1 Principle of TEM

Transmission electron microscope (TEM) is a very useful tool in the fields of materials,
physics, chemistries and life sciences. Researchers often need to use TEM to obtain the
surface (or morphology) and internal information of samples, which is of great help to
people to understand the material and conduct further targeted treatment of the materials.

As shown in Figure 2.2, the structure of TEM is quite complex. Only optical systems,
such as lenses, aperture, deflectors, and stigmator, are shown in drawing. Various
detectors that collect EDS (energy dispersive X-ray (EDX) spectroscopy), EELS (electron
energy loss spectrum), BF (bright field), ADF (annular dark field), HAADF (high-angle
annular dark-field), SE (secondary electron) signals are not shown in the figure [52]. Due
to the different signal generation mechanisms in the interaction between electrons and
samples, different detectors have different positions in the TEM, which makes the

structure much more complex than shown in the figure.
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Figure 2.2. Structure of transmission electron microscope [56].

TEM is mainly divided into three parts: illumination system, imaging system and
projection system. Take Figure 2.2 as an example to introduce the basic composition of
TEM, from top to bottom, the first is the illumination system, which includes the Gun and
the Gun deflector. There is an acceleration electric field between the electron gun and the
deflector, which is used to accelerate the electrons produced by the electron gun. The
acceleration electric field is provided by the acceleration voltage, which can be changed
according to the actual situation of the experiment. Electron gun accelerator are used to

deflect an electron beam that has just come out of the electron gun, then because the
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injected electrons do not always travel perfectly along the beam axis, hence, there often
requires preliminary adjustment by the deflector. Then condenser lenses are followed,
typically two (#1 and #2), that are used to focus an electron beam that detect interactions
with the sample. In this section, a condenser stigmator and a condense aperture also are
found. The condenser stigmator is used to perform preliminary calibration of the upper
part of the light path between the electron gun and the sample. Generally, the quality of
the electron beam directly from the electron gun is not good, coupled with the influence
of lens (lens is generally not perfect, there are spherical aberration and chromatic
aberration), so it is necessary to use gun deflector and condenser stigmator to adjust the
electron beam to make the spot on the sample as uniform as possible. Condenser aperture
is a circular disk of light that shields an imperfect part of a light to pass through only a

more uniform part in the middle, then a circular spot of light can be obtained in this section.

And when there has the electron beam, then go to the objective part, which is the
imaging system. This system is similar to the condenser section, it is with a beam deflector,
objective lens, and objective stigmator. The electron beam deflector is used to adjust the
position of the beam on the sample. There are two objective lenses, one is objective lens
upper, which is used to generate the required electron beam. For example, the lens can be
used to control the size of the electron beam spot on the sample surface (the focusing
degree can be changed by changing the intensity of the lens when the beam is not parallel).
Another is the objective lens lower, which collects the electron beam diffracted by the
sample, where the top and bottom are relative to the sample. The objective stigmator were
used to eliminate the effects of the objective lenses. There are usually two apertures in
the objective lens, one is objective aperture, and the other is selected area aperture.
Objective apertures are often used for auxiliary imaging, such as improving contrast in
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low-times imaging; The selected area aperture is used primarily in electron diffraction

experiments to diffract imaging of a specific region.

Then there is the projection system, starting with the intermediate lens, a lens that
controls the imaging mode. By changing the intensity of the lens, it can be switched
between normal imaging mode and diffraction mode. Then a stigmator is used to
eliminate the effects of the intermediate lens. Then there are two projective lenses, which

are used to project the resulting image onto the projector for observing.

2.3.2 Phase contrast imaging in TEM

As the name suggests, the phase contrast imaging is mainly achieved through
coherence and is therefore closely related to the phase of the scattered electron beam. This
imaging mode is mainly used in TEM mode. In this imaging mode, the incident electron
beam is parallel, which means that the high resolution image is obtained from the
interference imaging of scattering electron beam in this case. Unlike diffraction contrast
images, the high resolution ‘structural’ images are obtained by allowing several diffracted
beams to contribute to the image. Usually, the specimen is tilted to a low-index ‘zone-
axis’ orientation. Then a large objective aperture is used to select a number of beams to
form the image. The image is recorded under a carefully selected defocus condition, and
great care is taken in correcting astigmatism. This is made easier on modern instruments
by the provision of a high-magnification TV system, or even on-line Fourier analysis.
Exposure times are kept to a minimum by the use of sensitive films and accelerated film
development, as for weak-beam imaging, or intensified video or CCD cameras. The

resulting ‘structural’ image may, under certain conditions, resemble the projected charge
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density of the object. Therefore, the HRTEM images used to characterize material
morphology. In this case, the light path in the electron microscope is actually an optical
transmission function, which transmits the information of the sample to the detector for
imaging. Meanwhile, for the high resolution of images, since the lenses are generally not
perfect, there are spherical aberration and chromatic aberration, in order to improve the
imaging resolution, it is necessary to optimize the optical transmission function of the

imaging system [53].

2.3.3 Spherical Aberration corrected-TEM

As described before, due to the existence of aberration (spherical aberration,
astigmatism, coma aberration and chromatic aberration), no optical or electromagnetic
lens system can be perfect. Spherical aberration is a kind of aberration, which is one of
the main factors affecting the TEM resolution. In optical lenses, convex lenses and
concave lenses can be combined to reduce the defect that all lights cannot converge to a
focus due to the strong converging ability of convex lens edge and weak converging
ability of convex lens center. For electromagnetic lens, there are no concave lenses,
spherical aberration has become the most important and difficult problem affecting the
resolution of TEM. In the 2000s, Rose et al. reported that the sphericity correction device
can be used and act as a concave lens to correct the spherical aberration of TEM, which
is called the spherical aberration corrected TEM [54-56]. Because TEM is divided into
ordinary TEM and STEM for fine structure imaging, the spherical aberration corrected
TEM can also be divided into AC-TEM (spherical aberration corrector device installed at
the objective lens position) and AC-STEM (spherical aberration corrector device installed

at the condenser lens position). In addition, two correctors are also installed on one TEM
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simultaneously to correct convergence beam and image with double spherical aberration

correction.
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Figure 2.3. Schematic diagram of Cs-TEM without Cs-corrected (left side) ,with Cs-corrected
(right side) [60].

As shown in Figure 2.3, compared with traditional TEM, the resolution of AC-TEM is
significantly improved due to the effective reduction of aberration. The resolution of
traditional TEM and STEM is in nanometer and subnanometer level, while the resolution
of AC-TEM and AC-STEM can reach angstrom and subangstrom level [57]. The
improved resolution means finer and more accurate structural characterization of
materials. Therefore, the AC-TEM here is performed to investigate the evolution of

dislocation loops in pure Al thin film and Al-Cu alloys.
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2.4 In-situ observation technique

An in-situ observation system [58] was used in the current study. Figure 2.4 shows
the new equipment of in-situ atomic-scale observation system performed in this study.
This system consists of a heating-pot type sample holder (b) and a thermal controlling
box with a proportional integral differential (PID) controller (a). The pure Al thin film
and Al-Cu alloys for atomic-scale observation were operated by an AC-TEM with a
CETCOR image corrector (CEOS GmbH) and thermal field emission gun, at the
acceleration voltage of 200 kV, as shown in Figure 2.4(c). Furthermore, the
microstructure evolution with the high spatial resolution of HRTEM was recorded as a
movie file using a charge-coupled device (TV-rate CCD camera, Orius SC 200TM,
Gatan Inc.) system with 20 frames/s. The system was able to achieve the information
limit of 1.5 A and the point resolution of 2.0 A for TEM images under isothermal

annealing at 623 K.
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Figure 2.4. An in-situ observation system used in the current study. (a) A thermal controlling
box with a PID controller; (b) A heating-pot type sample holder; (c) An AC-TEM with a

CETCOR image corrector and thermal field emission gun operating at 200 kV.

2.5 Geometric phase analysis (GPA) methods

Defects and associated strain fields are of considerable importance in affecting the
lattice structure. There needs an effective method to investigate the deformation in
HRTEM images and can be used in various fields. The Geometric phase analysis (GPA)
method, developed by Hytch in 1997 [59-61], has become a widely used tool for
measuring the deformation in HRTEM images. In recent years, the GPA method
combined with advanced manufacturing technology of high-frequency grating has
expanded into a full-field, no-contact, non-invasive and simple deformation measurement
method. Based on the phase difference of grating images before and after deformation,
the phase information is extracted by Fourier transform. In measurements, displacement
and strain are closely related to the fundamental frequency of the image, so it is very
important to obtain the fundamental frequency accurately. Fast Fourier Transform (FFT)
algorithm, generally use in GPA method to save calculation time. Here is a brief
introduction of the FFT GPA process, see [62] for details. A flowchart highlighting the

main FFT GPA process is shown in Figure 2.5.
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Flowchart of GPA method
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Figure 2.5. The flow chart of the FFT GPA method.

The FFT GPA is based on the relationship between the displacement and the phase
difference, which can be directly analysis any displacement field distorting in HRTEM
image relative to the reference lattice distortion. In the GPA method, usually in the field
of HRTEM, the reference phase selection from HRTEM images of the regular arrange
atoms area, and then the deformed phase images can be obtained at the deformed position
of the target. This method is applied to the measurement of displacement fields around an
edge dislocation in Si and the accuracy is 0.03 A [63]. In this case, the displacement can

be measured by analyzing the lattices between reference area and deformation area, and
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this technique also has been utilized to measure the deformation at macro and microscale
[64-66]. For example, Li Luying et al. [67] used the GPA method to obtain the strain field
distributions at InAs partial dislocation cores associated with Z-shape faulted dipoles, as
shown in Figure 2.6. They reported that the dislocation cores are source of strain inversion,
by overlapping the HAADF images obtained from experiment, there is an edge
dislocation with negative component in Figure 2.6(c) and an edge dislocation with
positive component is shown in Figure 2.6(d). It means that the local phase can be directly

related to any strain field in the HRTEM images with respect to the reference lattice.
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Figure 2.6. Geometric phase analysis based on a HAADF image. The results

of the normal strain components &y,and &y, are presented in (a) and (d), respectively.
Therefore, a GPA program compatible with Digital Micrograph was used to calculate
the lattice strain maps around the dislocation loop, and the results of normal strain

components along horizontal and vertical directions of dislocation loops are applied
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during in-situ HRTEM observation.
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Chapter 3. In-situ atomic-scale observation of dislocation loops

in Al thin films via AC-TEM

3.1 Experimental procedure
3.1.1 Material

In this experiment, this study examined only one kind of material, the pure Al thin films
with the purity of 99.999 % (The Nilaco Corp.). The sample fabrication of Al thin films
for in-situ HRTEM observation have been introduced in section 2.1 as shown in Chapter

2.

3.1.2 In-situ HRTEM observation

The microstructure evolution with the high spatial resolution of HRTEM was recorded
as a movie file using a charge-coupled device (TV-rate CCD camera, Orius SC 200™,
Gatan Inc.) system with 20 frames/s. Using the phase contrast imaging technique
described in Chapter 2.4.2, it is able to visualize the atomic column morphology changing
caused by electron irradiation under 200 kV AC-TEM observations. When recording the
microstructure evolutions under 200 keV electron irradiation, the beam flux of
8.61 x10%° e~ -cm™2-s71 was used, which corresponded to the displacement per
atom (dpa) of 0.0589 dpa/s that was sufficient to induce Al vacancies for the displacement
energy of 16 eV at 293 K. Additionally, the temperature history of all the videos recording
for in-situ observation is given as Figure 3.1, and the experimental equipment used for

in-situ observation is shown in Figure 2.4.
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Figure 3.1. Temperature history of all videos recording for in-situ observation of pure Al thin

film.

3.1.3 Removing contamination using in-situ annealing at 623 K

Before in-situ observation at RT in the present study, the Al thin film prepared by
electrochemical polishing, which has amorphous AlOx layer and initial lattice defects was
in-situ annealed within approximately 6,000 s at 623 K temperature under the same beam

flux as at RT, firstly.
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Figure 3.2. HRTEM images captured from video #1 at different times under electron irradiation
at 623 K.

Figure 3.2 shows the HRTEM images of the edge of the Al thin film along [110] axis
captured from video #1 for 1, 265, and 6,000 s after temperature raised to 623 K. During
the in-situ annealing, the amorphous layer (=8.14 nm) in Figure 3.2(a) decreased to 1.81
nm for 6,000 s, as shown in Figure 3.2(c). As one technical side of the present in-situ
electron irradiation at RT, the Al thin film was hold under electron irradiation at 623 K
for 6,000 seconds and keeping the spatial resolution in the video #1. By the in-situ
electron irradiation/heating at 623 K, the amorphous re-deposition layer, contamination
and surface roughness due to sputtering and some initial lattice defects, which had been
produced through electrochemical polishing were completely removed. Meanwhile, this
process can be seen as a crystallisation of amorphous Al. As the one of necessary
conditions for dislocation loop evolution observation, the requirements of enough thin

sample and clean surface are obtained by the in-situ electron heating at 623 K.

3.2 Experimental results
3.2.1. Aggregation of point defect clusters in Al thin film at RT

After removing the contamination at 623 K annealing, the in-situ observation with
electron irradiation at RT was performed. In general, point defect number increases when
prolonging electron irradiation time while keeping other parameters (e.g., temperature
and beam flux) the same and resulting point defect aggregation. Finally, in thin films,
these aggregating point defects could form extended defects, such as line, plane or volume
defects. Figure 3.3 shows the images captured at 0, 60, 90, 149, 150 and 250 s during the

in-situ electron irradiation, which were captured from the video #2 recorded at the
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optimum defocus of 5 nm under Cg = 0 nm. From this recorded video, it is clearly to see
that an extended defect, which is a stacking fault (SF) on the (111) plane was observed
during in-situ electron irradiation at RT, as shown in Figure 3.3(e).

This generated SF can be considered to have been caused by the insertion or extraction
of a disc of atoms from the matrix. Because every segment has a pure edge character and
the Burgers vector is b = 1/3[111], then this type of SF cannot slip but instead can
climb, and it is called a Frank sessile loop or a faulted loop. It is well known that at both
ends of that faulted loop, there are two edge dislocations, the growth or shrinkage of
faulted loops can be attributed to the corresponding edge dislocation migrations. In this
case, the growth process of the observed faulted loop is shown in Figures 3.3(e)-(f).
During the continuous observation, based on a Burgers circle, the generated faulted loop
can be defined as intrinsic faulted loop, which is the vacancy type dislocation loops. Since
the irradiation induced interstitial atoms diffuse faster than vacancy, there are easy to be
absorbed by sink on surface, leading to a low concentration in thin film sample, then the
interstitial atoms are neglected in present study. Therefore, this faulted loop generation
and growth process are qualitatively similar to the intrinsic SF formation process;
therefore, it can be looked to the following theory [68]: in particular, at the beginning of
the electron irradiation, the irradiation induced vacancies tend to aggregate and form a
faulted loop, then during the continuous irradiation process, irradiation induced more
vacancies migrate towards the faulted loop to release the stress caused by the faulted loop.
Once the vacancies approach, the edge dislocations at both sides of the faulted loop climb
and make the growth of the faulted loop on the (111) plane. Thus, this study can
reasonably assume that the driving force of edge dislocation migration can be considered

as the electron irradiated vacancy migrations, a schematic about this explanation is shown
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in Figures 3.3(g)-(1).
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Figure 3.3. (a-f) In-situ HRTEM images taken at room temperature, including (a-¢) the
appearance process of an intrinsic SF on the (111) plane, (e-f) SF growth process, (g-1)

schematic of a faulted loop formation and growth mechanism.

3.2.2. Analysis of faulted loop formation process in Al thin film

Furthermore, a SF as a dislocation loop was observed after observing an
inhomogeneous image contrast during the in-situ observation in section 3.2.1, then
something interesting was found from this experimental result, Figures 3.4(a)-(c) show
the images captured at 1, 60 and 90 s during the electron irradiation, which were obtained
from the same video #2. From the three images, no significant difference was presented
between the images taken at 1 and 60 s, as shown in Figures 3.4(a) and (b), whereas the
image at 90 s exhibits a darker image intensity for the atomic columns. This is illustrated
by the red line in Figure 3.4(c) and resulted in an inhomogeneous contrast among the
atomic columns during the electron irradiation. To understand this darker image intensity,
Figures 3.4(1)-(3) show the intensity profiles of atomic columns of the three red lines
drawing in Figures 3.4(a)-(c), respectively. It can be described that for the image captured
at 1 s, the intensity profiles of all the atomic columns were almost identical as almost no

vacancies or interstitial defects were produced at the beginning of irradiation, as shown
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in Figure 3.4(1). As the observation time increased to 60 s, these intensity profile peaks
became unequal, with a number of them decreasing, as indicated by red arrows in Figures
3.4(b) and (2). This was due to additional vacancies being induced during this period. At
90 s, all the peak intensity profiles had been drastically reduced compared with the initial
one of Figure 3.4(1). These three intensity profiles indicate that as the irradiation time
increased, the intensity peaks of the atomic columns decreased continuously until

reaching extremely low values.
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Figure 3.4. (a-c) High-resolution transmission electron micrographs taken at 1, 60 and 90 s
during the electron irradiation at RT. (1-3) Intensity peak profiles of the atom columns of the red

lines from (a-c). (d-f) Distribution of the intensity peak values of all the atomic columns from

(a-c).
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To further investigate this strong dependence of the atomic column intensity peak
values on the electron irradiation time, Figures 3.4(d)-(f) present the distributions of the
intensity peak values for all the atomic columns in the images shown in Figures 3.4(a)-
(c). At the beginning of the observation (1 s), the data were concentrated in the high-value
region, i.e., almost all the intensity peak values were relatively high, which is consistent
with the corresponding intensity peak profile (Figure 3.4[1]). As the observation time
increased to 60 s, a number of new bars appeared in the low-value region (purple rings in
magnified images of Figure 3.4[e]), which were not present in Figure 3.4(d). At 90 s,
almost all the bars in the low-value region (purple rectangle in Figure 3.4[f]) increased,
and many of those in the higher-value region decreased sharply (blue rings in Figures
3.4[d]-[f]). This means that all the intensity peak values of the atomic columns tend to
decrease, which is consistent with the corresponding intensity peak profiles. Thus, both
these intensity profiles and distribution histograms clearly indicate that the intensity of
the atomic columns diminished as the electron irradiation continued, which confirms the
strong dependence of intensity on observation time.

It should also be noted that after the dark intensity of each atomic column, an intrinsic
faulted loop (SF) was observed during the in-situ observation, then as all known that the
intrinsic faulted loop is evolved from large vacancy clusters, which means that the dark
image intensity in the HRTEM images might be caused by the induced vacancy clusters.
Furthermore, the decrease in the atomic column intensity observed above as the
irradiation time increased can also be observed, which proves that a number of atoms
were removed from their original places, thereby leaving vacancies in the previously
perfect columns. Noted that the analyzed video was recorded near the optimum defocus

conditionsand at C; = 0, all columns in all the images were aligned in the [110] direction.
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Therefore, there can also be inferred that the vacancies induced during the in-situ
observations were along the [110] direction, which led to the inhomogeneous contrast
indicated by red lines in Figures 3.4(b) and (c). Hence, the inhomogeneous contrast
observed in the TEM images might have been caused by these electron irradiation-

induced vacancy clusters.

3.2.3 Inhomogeneous contrast of HRTEM images by 200 kV AC-TEM

Since the inhomogeneous contrast observed in the TEM images was speculated that
it might be caused by these electron irradiation-induced vacancy clusters in section 3.2.2.
Here tried to show an evidence to verify it. For the HRTEM images, when an electron
encounters a single, isolated atom, it can be scattered in several ways. As shown in Figure
3.5(a), the characteristics of the scattering process are controlled by several factors, such
as the incident-electron energy and the atomic number/weight of the scattering atom.
When there considers a specimen rather than a single atom, factors such as the thickness,
density, crystallinity, and angle of the specimen to the incident beam also become
important. For the scattering mechanism, the scattering cross section [69-70] between

electron beams and atoms is usually defined as

Z\? 0
o=162X 10_24 (E—O) COtZE, (1)

where E, is the beam energy (keV), Z is the atomic number and 6 is the scattering
angle. Equation (1) indicates that a low-energy electron beam corresponds to a large
scattering cross section, i.e., a low-energy beam can lead to a great electron scattering by
the atoms. The scattering cross section value depends on a few parameters, including the
electron-beam energy. To demonstrate the influence of electron-beam energy on

scattering cross section, as shown in Figure 3.5(b), here compared a 200-keV low-energy
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electron beam and a 1,000-keV high-energy beam, the scattering cross section value was
higher for the low-energy beam (200 keV), thereby confirming that low-energy electrons
are more likely to be scattered by sample atoms than high-energy ones (1000 keV). In
present experimental case, the Al atoms were knocked on by 200 kV low-energy electron

beam, it means that a clear image contrast caused by point defects can be visualized.
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Figure 3.5 .Scattering effects during transmission electron microscopy. (a) Interaction between

an incident electron and an atom of the Al sample. (b) Corresponding scattering cross section at
different accelerating voltages. (c) Al crystal model with a total of 21 vacancies.

In order to verify the speculation in section 3.2.2, which is the influence of vacancy

clusters on the HRTEM image, here also built a crystal model with vacancies and vacancy

clusters, as shown in Figure 3.5(c). Noted that the interstitial atoms are neglected because
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it is diffuse faster than vacancy, there are easy to be absorbed by sink on surface, leading
to a low concentration as following previous work [71]. The crystal model was realised
using the CrystalKit software [72]. Along the [110] zone axis (close-packed direction in
FCC lattice), a total of 21 vacancies (the vacancy number changed from 0 to 6 with the
steps of 1 in each atomic column) were given and inserted into different atomic columns,

as denoted along the red line in Figure 3.5(c).

It should be noted that a 200 keV electron beam has a larger probability of being
scattered by the target atoms, thereby making it more sensitive to vacancies and interstitial
defects. Therefore, to investigate the influence of the vacancy clusters on the HRTEM
images by 200 kV AC-TEM, here simulated several HRTEM images using the built
model (Figure 3.5[c]) under 200 kV AC-TEM observations. These HRTEM images were
simulated based on the multislice method using MacTempas software [73]. Simulations
for different vacancy numbers (model in Figure 3.5[c]) under 200 kV AC-TEM
observations (with C; = 500 nm and defocus Af = —7,—-5,-3,—1,1,3,5and 7 nm)

are presented in the Figure 3.6.
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Figure 3.6. Defocus and thickness series of [110]-oriented Al crystal model simulation images
using 200-kV AC-TEM. Defocus changed from —7 to 7 nm with the steps of 2 nm in the 200-kV
AC-TEM images, thickness changed from 7 to 10 nm with the steps of 1 nm for this simulation.

In this simulation, in addition to the defocus, this study also varied the sample thickness
(t =7,8,9 and 10 nm) to investigate the effect of thickness on image intensity in the
experimental observations using both HRTEM simulations. The simulated image
contrasts for the 200 kV AC-TEM exhibited a similar clarity regardless of the defocus
and thickness. Further, a high contrast of the vacancy clusters (compared with the case of
no vacancy clusters) was observed, whereas almost no loss of information was observed
for any defocus value. This result suggests that the 200 kV AC-TEM phase contrast
imaging can reveal the vacancy defects with a small range of defocus value.

Actually, rough differences could be seen with the naked eyes in these simulated
images. To reveal these differences in more detail, Figure 3.7(a) illustrates the distinct

contrast images derived from one of the simulation images (red rectangle in Figure 3.6).

-4] -



The intensity profiles of each atomic column (without and with vacancies) in the
simulated image are displayed in Figures 3.7(b), which reveal that the intensity reduction
due to the presence of vacancies was significate for the 200 kV AC-TEM, as denoted by

the red lines in this image.
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Figure 3.7. Identification of image contrast under the 200-kV AC-TEM. (a) One of simulated
images from figure 3.6 and (b) the corresponding intensity peak profiles of each atomic columns
of white rectangle in (a) and (c) phase contrast transfer function curves (the red lines indicate
the spatial resolution).

The significant intensity reduction in the simulation image is consistent with the
previous statement that the 200 kV AC-TEM is sensitive to the changing in the number
of atoms in each atomic column and provides clear image contrast due to a low-energy
beam. Therefore, the simulation confirmed that the vacancies and vacancy clusters

appeared as clear dark image contrasts in the HRTEM images obtained by the 200 kV
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AC-TEM. Meanwhile, Figure 3.7(c) presents the phase contrast transfer function (CTF)
curves derived using the simulation parameters for the microscopy scenario. Note that the
spatial resolution depends on the first zero point of the crossover between the transfer
function (y-axis) and scattering vector (x-axis) [74] in the CTF graph. In these simulations,
the spatial resolution was 0.133 nm for the 200 kV AC-TEM. The 200 kV AC-TEM phase
CTF graph for the present simulation conditions had a large positive focus value, this is
because that the positive focus value and with the thin specimen, the phase contrast image
of the atom positions appeared in the HRTEM images as a bright contrast. Because the
AI(111) interplanar spacing was 0.233 nm and considering the previously mentioned high
sensitivity of 200 keV electron beams to vacancy clusters, it can be concluded that the
200 kV AC-TEM technique with high spatial resolution should be helpful when analysing

Al (111) planes to obtain a good interpretable image contrast and high resolution.

3.2.4. Kinetic Monte Carlo (MC) simulation of the vacancy jumping (Appendix 1)
Although previous two sections attributed the inhomogeneous contrast shown in
Figures 3.4(b) and (c) to the vacancy clusters continuously induced during the in-situ
observation, further investigations of this interpretation of the origin of the image changes
were necessary. As all known that these Al vacancies are difficult to be captured with a
CCD camera given an exposure time of 0.05 s because they jump within the Al lattice
with the average frequency of 50 times/frame (1,000 times in 1 s) [75]. Therefore, this
study also calculated the dynamical behaviour of these jumping vacancies via a kinetic
MC simulation [76-77]. For the simulation, it performed by Dr. Zhao who was a Ph.D.
student of our group, and the simulated detail is shown in Appendix 1. Figure 3.8(a)

displays an image snapped during the first second (20" frame) of one of the simulated
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videos, which shows the traces of 100 vacancy jumps at different positions in the supercell.
Figure 3.8(b) illustrates the jumping trace distribution for these 100 vacancies in each
atomic column position for the frame considered, which shows that each position was

overlapped several times (red spheres) by the jumping of these 100 vacancies.

Figure 3.8. (a) Distribution of 100 vacancies in each column in 1 simulated frame. (b)

Distribution of their corresponding jumping traces.
Based on the calculated MC simulation, it can further confirm that the continuous
reduction of the atomic column intensities shown in Figures 3.4(2) and (3) corresponds

to the induced vacancy clusters in each atomic column.

3.2.5. Disappearance of induced intrinsic SF at RT
In Sections 3.2.1-3.2.4, there described the evidence indicating that the edge

dislocations at both sides of the faulted loop climb and make the growth of the faulted
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loop on the (111) plane, as shown in Figures 3.3(¢) and (f). And the driving force of edge
dislocation migration can be considered as the electron irradiation induced vacancy
migrations. Here, it proposes additional evidence for this claim. There also has an intrinsic
faulted loop (SF) on the (111) plane, which revealed during an in-sifu observation with
the same usual beam flux as section 3.3.1 at RT, as shown in Figure 3.9. Note that this
figure captured from video #3, which displays only the HRTEM images taken prior to
and after the formation of this intrinsic faulted loop; it does not show the initial
observation period (i.e., when the electron beam was switched on). Meanwhile, an
inhomogeneous contrast similar to that shown in Figures 3.4(b) and (c) was also observed
before the faulted loop formation. Thus, it can be deduced that this faulted loop was the
result of the aggregation of the electron irradiation-induced vacancy clusters during the

observation.
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Figure 3.9. (a-1) In-situ HRTEM images taken at room temperature, including (a-c) the
appearance of an intrinsic SF on the (111) plane, (d-f) SF growth, (g-h) SF disappearance in less
than 1 frame and (i) lattice relaxation via vacancy diffusion.

It should be noted that Figure 3.9(d) shows a linear atomic layer exhibiting a brighter
contrast than the other atomic layers, which has two possible interpretations. One is that
most of the vacancies were absorbed by the generated faulted loop, thereby resulting in a
relatively low concentration of vacancies in the surrounding area and in a bright visual
contrast. The other interpretation does not consider the vacancy concentration but is

instead based on the idea that when adequate vacancies aggregate into a faulted loop on
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an atomic plane, the nearby atomic layer acquires a small inclination angle due to strain
relaxation. By this small inclination angle satisfied the Bragg diffraction had shown
brighter contrast nearby the atomic layer corresponding faulted loop.

Furthermore, the climbing process of the observed faulted loop is shown in Figures
3.9(c)-(g) and the edge dislocation marks are placed in Figure 3.9(e). The faulted loop
generation and climbing processes are qualitatively similar to the section 3.3.1.
Meanwhile, in 2015, Yang et al. [78] reported that such intrinsic faulted loops produced
by vacancy aggregation are relatively unstable in thin samples due to a high surface
energy. This is because a large surface area can act as a strong sink, which causes the
faulted loop to disappear. From Figures 3.9(g) to (h), the generated faulted loop
disappearing was also observed in less than 1 frame. Because SF disappearance is
generally very quick (in fs), the CCD camera here used (which had an exposure time of
0.05 s) was not able to capture it, then a comprehensive illustration of the dynamic

behaviour of this faulted loop disappearance cannot be identified in present study.

3.2.6 GPA mapping of faulted loop evolution process

In order to analyze the influence of point defects produced during the irradiation
process on the Al thin film, the GPA method [59-61] was used to calculate the strain field
surround the generated faulted loop in pure Al thin film at RT before and after the
formation of faulted loop, in the irradiation process.

The strain field corresponding to the images in Figure 3.10(a)-(d) is depicted in Figure
3.10(e)-(h). It can be seen from these images that the displacement field of the Al thin
film in the xy direction is generally uniform at the initial stage of irradiation (1s), as

shown in Figure 3.10(a). The x and y strain components were defined as horizontal
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and vertical directions along the faulted loop, as presented in Figure 3.10(a), respectively,
this is because there wanted to know the strain field around the faulted loop. From this
corresponded GPA result Figure 10(e), the strain field at the center (white arrow in Figure
3.10[e]) shows an inhomogeneous strain, and this strain in this local area is larger than
that of in other areas. These results illustrate that early at the beginning of the irradiation,
the lattice strain is concentrated in the irradiation area, that is, this area where the faulted
loop will occur. In this case, this mismatched displacement in the thin Al film is given by
the induced vacancies during electron irradiation and they have influence on the strain
distribution in the center area with the irradiation. With the irradiation time increases, a
larger strain component &, with compression and tensile in this area was produced,
there indicated that this strain field caused by an edge dislocation due to large number of

vacancies, the GPA result was inserted in Figure 3.10(f).
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Figure 3.10. (e-f) GPA maps in a horizontal direction and vertical direction correspond to Figure
3.10(a-d).

Starting from Figures 3.10(b) to (¢), a faulted loop begins to form and grow up, and the
overall compression strain shows a little larger than the initial value of Figure 3.10(e), the
stress increases gradually with irradiation time increasing (bright color area), and the
lattice strains are mainly shown near the dislocation core, in this case, the dislocation core
is the formed faulted loop. As the faulted loop grows, the lattice strain also increases with
the growth of faulted loop. It is confirmed that the electron irradiation induced vacancies
aggregated near the faulted loop. Afterward, Figures 3.10(c)-(d) present the process of
faulted loop disappearance, from Figures 3.10(g) to (h), it is clearly to see the SF
disappeared in a few seconds, and all of the edge dislocations near the faulted loop also
disappeared with the faulted loop disappearing and the overall stain field shows
considerable difference between the two images. This is because the strain field in the
thin film easily extends close to the neighbor sinks, grain boundary or surface, then the
faulted loop disappeared due to the vacancy diffusion for strain relaxation during electron
irradiation. Finally, the lattice returns to an initial relaxation state after prolonged
irradiation time, as shown in Figure 3.10(h). The satisfactory correspondence between
experiment results and GPA maps suggests the edge dislocations at both ends of faulted
loop migrate along <112> direction over the whole thickness of the specimen, then the

induced faulted loop disappeared due to the strain relaxation.

3.2.7 Effect of high vacancy jumping frequency on potential contrast imaging
Temperature strongly influences the jumping frequency of vacancies and interstitial

defects in the Al matrix (the higher the temperature, the faster the jumps), which may
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result in different appearances in the HRTEM images. Thus, to investigate the influence
of high temperatures on the inhomogeneous contrast shown in Figures 3.4(b) and (c), here
compared with image contrast obtained from a same sample at 623 K. In the present study,
the Al thin film prepared by electrochemical polishing, which has amorphous AlOy layer
and initial lattice defects was first in-sifu annealed within approximately 3 min at 623 K
temperature under the same beam flux as at RT to observe the variation in the image
contrast. Here recorded a real-time video (video #4) for 5 min of annealing. To better
show the contrast difference of the atomic columns between 623 K and RT, Figures
3.11(a)-(c) also show TEM images snapped from this video at 1, 60 and 90 s, which reveal
no significant difference because the visual contrast is qualitatively similar among them.
Figure 3.11(d)-(f) further display their intensity profiles. In contrast to Figures 3.4(b) and
(c), here cannot see an inhomogeneous contrast caused by a lower intensity of atomic

columns at 623 K.
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Figure 3.11. (a-c) HRTEM images taken at different times under electron irradiation at 623 K
and (d-f) the corresponding intensity peak profiles of the atom columns.

Thus, from the viewpoint of the irradiation defect study, the origins of homogeneous

contrast revealed in Figures 3.11(a)-(c) were tried to be distinguished from the sample

preparation damages. One is that the jumping frequency of vacancies and interstitial
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defects was approximately 7 X 108 /s at 623 K, which is 70,000 times greater than that at
RT [8]. These induced defects can be easily annihilated within the sample, thereby
resulting in a lower concentration of vacancies and interstitial defects and an almost
homogeneous contrast. Another factor is that the foil surface can act as a strong sink for
the mobile vacancies and vacancy clusters, which tend to disappear on it. Therefore, the
near homogeneous contrast observed in these HRTEM images can be attributed to a low

concentration of vacancies and vacancy clusters.

3.3 Discussion
3.3.1 Induced Frank loop type in Al under electron irradiation

As describe in section 1.2, the dislocation loop type in electron irradiated pure Al is
found as vacancy type and interstitial type by different researchers, and these reviews
show that the nature of electron irradiation damage in Al might has major discrepancies.
In present study, here surely observed the vacancy type loops, this result may be due to
the sample thickness used in this study is enough thin, since the irradiation induced
interstitial atoms are diffused faster than vacancy, they are easy to be absorbed by sink or
surface, leading to a low concentration of interstitial atoms in the thin sample (= 10 nm).
Then, the environment of a vacancy supersaturated is obtained, and finally the vacancy
type dislocation loops are easily to be produced during electron irradiation. To better
show the fact, here shows schematic diagrams for a simplified understanding of the
effects of interstitial atoms and vacancies on growth and shrinkage of flank loops. The
sample surface and Frank loop is the sink site of point defects such as interstitial atoms
and vacancies. Absorption of vacancies results in growth of the vacancy type Frank loop.

If a larger number of vacancies are absorbed into the vacancy type Frank loops, the size
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will be changed. Whereas this experimental phenomenon cannot be observed in thick
sample due to the high concentration of interstitial atoms. These are universal theory on

irradiation defects in the Al sample.

In-situ HREM (beam size < 20 nm) {n-situ HVEM (beam size > 300 nm)

<R

\—‘//

Thick area
d > 100 nm

Surface

_____
———

o
*wshrinkage o, ‘_,ﬁeecomb,-n' )
5 " Growth Yoy
r“(\\“ o
o 0
i Vacancy O Al interstitial

Figure 3.12. Schematic diagram of effects of interstitial and vacancy on evolutions of
Frank loops.
For the observed vacancy type Frank loops in present study, another interpretation
is considered the when adequate point defects were induced by a higher dose rate (0.0589
dpa/s), the interstitial atoms diffused to the sink in thin sample and the higher concentrated
vacancies aggregate into a faulted loop on an atomic plane, easily. By this aggregation

process had shown the vacancy type Frank loops in the atomic layer.

3.3.2 Disappearance mechanism of faulted loop in thin Al film at RT

In section 3.2.6, the disappearance mechanism of generated faulted loop was
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explained by GPA results, which is due to the strain relaxation, however, this
disappearance also can be explained by several mechanisms [79-83]. In this part, there
also mainly considered the concept that the faulted loop disappearance can be triggered

by the formation of a Shockley partial loop inside a Frank loop.

prismatic loop

1/6[112] + 1/3[111] = 1/2[110]

Figure 3.13. The disappearance mechanism of faulted loop in thin Al film. (a) A Frank loop

in FCC lattice; (b) A Shockley partial loop caused by slippery; (c) Reaction between the
Shockley partial loop and the Frank loop.

As shown in Figure 3.13, this Shockley partial loop, with b = 1/6 [112], reacts with

the b = 1/3[111] Frank faulted loop according to the unfaulting equation [85, 89]
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1/6[112] + 1/3[111] = 1/2[110] (2)
Based on Eq. (2), the positive climbing of a Frank faulted loop promotes loop growth via
vacancy absorption under electron irradiation. When this Frank faulted loop grows to a
particular size limit, the upper layer of the Frank faulted loop slips to match the bottom
layer and forms a new Shockley partial loop (Figure 3.13[b]), which then reacts with this
Frank loop based on Eq. (2). The result is the production of a perfect glissile Shockley
partial loop with b = 1/2[110], as shown in Figure 3.13(c). Because this new
dislocation loop can slip on a prismatic plane, it is also called a prismatic loop. Finally,
the prismatic loop moving onto the film surface produces a slip, thereby resulting in the

disappearance of the faulted loop.

3.4. Conclusion

In this study, the dynamic clustering, growth and disappearance process of dislocation
loops in an FCC-AI lattice were successfully visualized during in-situ 200-keV electron
irradiation with a beam flux of 8.61 x 102° e~ - cm™2-s~1 at atomic-scale. Using the
AC-TEM with a phase contrast and a pot-type heating holder system with an information
limit of 1.5 A, an intrinsic faulted loop (SF) with b = 1/3[111] was formed in the (111)
plane. During the in-situ observation, it can be able to identify the evolution of faulted
loops in the acquired HRTEM images as being due to the edge dislocation migration at
RT. Then, this edge dislocation loop migration, which was attributed to the point defect
migration occurring during the TEM prolonged electron irradiation. Meanwhile, from the
experimental observation of this faulted loop, it suggests that an inhomogeneous contrast
was caused by vacancies and vacancy clusters during a prolonged observation at RT. The

vacancy clustering was also discussed by HRTEM simulation and verified via a kinetic
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MC simulation performed by Dr. Zhao. Subsequently, the experimental results indicated
that the observed growing faulted loop was caused by the edge dislocation migration at
both ends of the faulted loop, and the edge dislocation loop migration was attributed to
the induced vacancy migration. Moreover, when continuing the observation, this
generated faulted loop disappeared suddenly in less than 1 frame (0.05s) due to the strain
relaxation. Meanwhile, here also observed a homogeneous contrast during a 5-min
observation at 623 K with the same beam flux. This contrasting result occurred due to the
low concentration of vacancies produced by the high jumping frequency and the
instability of the vacancy cluster and faulted loop. Therefore, the experimental
observation of this faulted loop confirms that the inhomogeneous contrast was caused by
vacancies and vacancy clusters and that the proposed technique was able to identify it.
Thus, here proposed in-situ HRTEM observation methods are useful in understanding the

dynamical behaviour of dislocation loop at atomic-scale.
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Chapter 4. Atomic scale observation of dislocation evolution
in an Al-Cu alloy with coherent precipitate by in-situ
irradiation electron microscopy

4.1 Experimental procedure
4.1.1 Material

In order to investigate the Frank loop evolution with precipitates in the coherent
precipitate hardening mechanism, this study examined an Al-Cu alloy, the Al-1.7Cu
(at. %) alloy (@3 mm X 35 mm) with a chemical composition of 98.3 at. % Al and 1.7
at. % Cu was provided by Nilaco (No. 572684). The sample fabrication of Al-Cu alloys

for in-situ HRTEM observation were described in section 2.2 as shown in Chapter 2.

4.1.2 In-situ HRTEM observation

The experimental equipment used for im-sifu observation is same as previous
investigation for Al thin films, as shown in Figure 2.4. Moreover, in order to describe
more detail for in-situ observation, the temperature history for all the videos recording
for in-situ observation from starting point also is given as Figure 4.1. Noted that the time
of removing contamination process is not discussed in this figure due to the similarity of
section 3.1.3, and the total recording time (video #5 + video #6) is lasting 900 s in present

study. After heating experiment, the videos recording for in-situ observation were started.
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Figure 4.1. The temperature history of all the videos recording for in-situ observation from

starting point.

4.2 Results and discussion
4.2.1 Crystal texture and chemical composition of the AlCu-solution sample

Before starting the in-situ electron irradiation, the initial structure and chemical
composition of the AlCu-solution sample were confirmed by high-angle annular dark-
field scanning-TEM (HAADF-STEM) and energy dispersive X-ray (EDX) spectroscopy,
as shown in Figure 4.2. Some Cu atoms showing bright contrast (Figure 4.2[a]) in the
atomic columns along the [110] zone axis of the FCC-Al lattice was observed because
of their larger atomic number (Z: 29) than Al (Z: 13) [84-85], while they are invisible in
the thick area, as shown in Figure 4.2(b). This means that the contrast of Cu atoms in thin
area is more easily observed than thick area. Meanwhile, the contrast of the GP zone [86-
88] was visible in neither thin (Figure 4.2[a]) nor thick (Figure 4.2[b]) samples.
Additionally, the Cu concentration of the commercial Al-1.7Cu (at. %) alloy after
dissolution treatment was calculated from the EDX spectrum with background noise

subtraction to be 1.57 + 0.02 at. %, as shown in Figure 4.2(c). The calculated Cu
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concentration is lower maybe due to the inhomogeneous distribution of Cu atoms in Al-
Cu alloys and a small instrumental error of the EDX calibration. Therefore, this means
that Cu precipitates (including GP zones) in the AICu-solution sample were successfully

dissolved by thermal treatment at 833 K for 1 hour.
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Figure 4.2. High-resolution HAADF-STEM image of the AlCu-solution sample in (a) thin and
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(b) thick regions; (c) EDX spectrum of the AlCu-solution sample.

4.2.2 Evolution of dislocation loop in the Al-Cu alloy sample during in-situ electron
irradiation HRTEM

Figures 4.3(a)-(c) show HRTEM images of the AlCu-solution sample along the
[110] zone axis captured from a video file at 62, 124 and 248 s, corresponding to a total
irradiation time of 462, 524 and 648 s, respectively, from the starting point (gun valve
open) of 200 keV electron irradiation at RT. The entire HRTEM observation process of
the AlCu-solution sample is provided as a recorded movie, in the video #5. During the in-
situ electron irradiation, along an electron incident direction of FCC-Al [110], a Frank
loop with Burgers vector of 1/3 < 111 > showed an ‘abcababc’ faulted loop (SF), was
observed, as shown in the Figure 4.3(d), which is a higher magnification image (red
rectangle) of Figure 4.3(c). From this image, the faulted loop was identified as the
clustering of Al vacancies and growth of a Frank loop at the atomic scale, then the formed
faulted loop was confirmed to be an intrinsic faulted loop (SF). Meanwhile, as pointed in
chapter 3, two edge dislocations, located at both ends of the faulted loop, and they can

climb along the < 112 > direction.
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Figure 4.3. In-situ HRTEM images of the AlCu-solution sample taken at RT. (a-c) The
appearance of edge dislocations on the (111) plane; the inserted diffraction pattern indicates
that the incident beam is along the [110] zone axis; (d) High magnification shows lattice
spacings of d = 0.23 nm and d = 0.20 nm for Al (111)and (002) planes; (e) Schematic
diagram of the edge dislocation climbs in the AlCu-solution sample.

As shown from Figures 4.3(a) to (c), the irradiation induced vacancies tend to
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aggregate and form a faulted loop, then during the irradiation process, irradiation induced
more vacancies, the edge dislocation climbs and makes the growth of the faulted loop on
the (111) plane. While there has an interesting finding in the Al-Cu, that is, according to
the faulted loop growth process, one edge dislocation step-by-step climbed along one
direction, as shown in these red edge dislocation marks in Figures 4.3(a)-(c), but the blue
edge dislocation marks are stable with the irradiation time increases. Actually, a similar
vacancy clustering on the {111} plane in the pure Al lattice, also induced under electron
irradiation, has been reported in previous Chapter, which is two edge dislocations located
at both sides of generated faulted loop climbed along the <112> direction. However, it is
noticed that a considerable difference between pure Al thin film and the present AICu-
solution sample, that is an asymmetrical climb of the edge dislocation along [112]
direction, which is a meaningful discovery for this Al-Cu alloy. Therefore, this would be
caused by the doping Cu atoms.

To understand this interesting observed result in more detail, Figure 4.3(e) is a
schematic diagram describing the asymmetric climbing of the edge dislocation in the
AlCu-solution sample. It can be believed that the driving force is the induced vacancy
clustering on the faulted loop on {111} planes of the FCC-Al matrix lattice. With the
increased total irradiation time, a large number of vacancies migrate to the faulted loop
and contribute to the asymmetric climbing of the faulted loop growth. Whereas the other
side might have a stable obstacle for inhibiting the faulted loop growth, such as Cu
clusters, as shown in this schematic diagram. As a result of faulted loop growth in the 20-
nm-thin film, the edge dislocation stably climbed up along one of its dimensions on the
{111} planes.

Moreover, Figure 4.4(a) is a HRTEM image of the AlCu-solution sample in another
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observation view field captured at 540 s after electron irradiation began (video #6). Both
faulted loop 4 (6.92 nm in diameter) and faulted loop B (4.48) in Figure 4.4(a) were
observed, and they grew to 9.38 nm and 6.92 nm, respectively, after irradiation time of
60 s. Then, in 100 s, loops 4 and B grew up to 10.04 and 8.49 nm, respectively. During
the growth process of two faulted loops, the edge dislocations on one side of them,
indicated by the red marks in Figures 4.4(a)-(c), had climbed step by step along a single
direction. Whereas the edge dislocations on the other side (in blue marks) were stabilized

and never climbed.
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Figure 4.4. (a-c) HRTEM images of the AlCu-solution sample captured at different times under
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electron irradiation at RT; (d) Intensity line profiles obtained from regions (i) and (ii) in Figure
4.4(c).

Furthermore, in this present study, a considerable strain contrast was observed between
the two stable blue edge dislocations, indicated by arrows as (i) in Figure 4.4(c). The
strain contrast is maintained through the growth process of two Frank loops. In addition,
the distance of two faulted loops is ~2.87 nm on the {111} plane, and the HRTEM
interference pattern in region (i) always suggested coherent crystal orientation with the
[110] in the Al-Cu alloy lattice. Figure 4(d) shows the intensity line profiles obtained
from regions (i) and (ii) in Fig. 4(c). The maximum intensity of profile (i) was almost
same as that of profile (ii), and their peak widths were 0.41 nm and 2.71 nm, respectively,
which implies that the peak width of profile (i) was 6.6 times larger than that of profile
(i1). These results indicate that there is a coherent object experiencing a large lattice strain
in region (i), which provides a stronger strain contrast than the 1/3<111> type partial
dislocation. Here, one reasonable explanation is the coherent precipitates on {100}, such
as the GP zones. Therefore, the coherent Cu precipitates can explain as the strain contrast,
and they stopped the evolution of the faulted loops in the experimental HRTEM images

during in-situ electron irradiation of the AlCu-solution sample.

4.2.3 GPA mapping of evolution process of faulted loops in Al-Cu alloys

In the last part of section 4.2.2, a coherent object experiencing huge lattice strain
between two stable faulted loops provides a stronger strain contrast than the matrix, which
was explained as the coherent precipitates on {100}, such as GP I zone. As all known
that coherent precipitates and associated strain fields are of considerable importance in

affecting the hardness of mentals, since their lattice strain can inhibit the edge dislocation
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movement in the early stage of hardening. Therefore, the GPA method used in section
3.2.6 is also applied to measurement of displacement fields around two faulted loops in
this Al-Cu alloys. Figure 4.5 presents the GPA results of Al-Cu alloys, Figures 4.5(b)
shows the corresponding GPA results of Figures 4.5(a) with strain components €,,,, noted
that the x and y strain components were defined as horizontal and vertical directions
along the faulted loop, as shown in Figure 4.5(a). It appears that a stronger strain contrast
than two Frank loops can be observed in Figure 4.5(b) (white circle), which means that
the coherent area provides a large lattice strain field between two Frank loops. Meanwhile,
as described in section 4.2.2, this strain contrast maintains through growth process of
Frank loops, so, these results indicated that there is a coherent precipitate, which gives
stronger strain contrast than other area. Here explained as GP zones, a schematic is shown
in Figure 4.5(c). From this schematic, the bonding length of Cu-Al atoms is much longer
than the 0.286 nm bonding length of Al-Al as the smaller size of Cu atoms, as written in

Figure 4.5(¢c).
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Figure 4.5. (a) A HRTEM image of the AlCu-solution sample captured at 60 s under electron
irradiation at RT; (b) GPA map in a horizontal direction and vertical direction corresponded to

(a); (c) Schematic image showing coherent Cu precipitate sandwiched between two Frank loops.

4.2.4 MD simulation of dislocation pinning at coherent precipitates (Appendix 2)
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In section 4.2.2, the planar Cu precipitates (GP I zones: coherent) synthesised during

in-situ electron irradiation were suggested as obstacles on {100} planes for {111} edge

dislocation movement. Therefore, to investigate the interaction between GP I zones and

edge dislocations during electron irradiation, there calculated the dynamical behaviour of

the interaction via MD simulation performed by Prof. Suzudo from Japan atomic energy

agency (JAEA). For the MD simulation, the detail is shown in Appendix 2.
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Figure 4.6. MD simulation results of the interaction between dislocations and a GP I zone, a

snapshot of one of key moments of the simulation.

Here is a simple description for the simulation, from the Figure 4.6, the synthesis and

growth of two edge dislocations (111) planes, at both sides (i) and (ii) of the faulted loop,

can be observed. One edge dislocation at side (i) is climbing along [112] and the other

reached the GP I zone with a relative angle of 54.74°, as displayed in Figure 4.6(a),

showing considerable interaction. Based on the simulation, it can further confirm that the

present calculated MD simulation successfully defined the coherent Cu precipitate on

(001) as having the shorter bonding length of 0.132 nm working as an obstacle to the
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climb of the (111) edge dislocation by the repulsive force between strain fields. This
finding can be extended to GP zones on the crystallographically equivalent (100) and
(010) planes, so the present inhibition effect of the strain field of coherent precipitates

can be applied to actual Al-Cu alloys.
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4.3 Conclusions

The dynamical behaviour of vacancy type Frank loop evolutions in an Al-1.7Cu (at. %)

alloy at atomic scale has been identified by in-situ electron irradiation HRTEM.

In conclusion, the following findings are emphasised:

1.

The formation of a/3[111]intrinsic Frank loops was observed in-situ during
electron irradiation in dissolved Al-Cu alloy and this induced an asymmetrical climb
of the edge dislocation.

The asymmetrical climb growth of produced faulted loops during a prolonged
irradiation time suggested that it might be dominated by electron irradiation induced
Cu coherent precipitates.

By comparing the results between pure Al thin film and Al-Cu alloys, the stable Frank
loops in Al-Cu alloys are observed during prolonged electron irradiation, which
suggested that it can be attributed to the doping Cu atoms.

As a result of the different sizes of Al and Cu atoms, the lattice distortion between
Cu coherent precipitates and the FCC matrix, namely strain field, inhibits dislocation

climb or dislocation slip.
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Chapter 5. Summary

In this study, in-situ HRTEM observation with electron irradiation was examined by

200 keV AC-TEM for visualizing the evolution of dislocation loops in pure Al thin film

and Al-Cu alloys. The following conclusions were obtained:

From the evolution of dislocation loops in pure Al thin film during electron irradiation in

Chapter 3:

1.

The formation process of vacancy type faulted loops (stacking faults) in Al thin film,
are clearly observed by 200 keV AC-TEM under in-situ electron irradiation at the
atomic-scale at RT.

An inhomogeneous contrast before faulted loop formation was observed during in-
situ observation, it is speculated as the electron irradiation induced Al vacancy
clusters and was verified by kinetic Monte Carlo simulation method.

A growth process of the induced faulted loops was identified as due to the edge
dislocation movements, which caused by irradiation induced vacancies and interstitial
atoms migrations.

Then, the induced faulted loops disappeared in less 1 frame during prolonged
irradiation time, the GPA results suggested that it might be due to vacancy diffusion

for strain relaxation.

From the evolution of dislocation loops in Al-Cu alloys during electron irradiation in

Chapter 4:

1.

A formation of a/3[111] intrinsic Frank loops is also in-situ observed under electron
irradiation in dissolved Al-Cu alloys.
The formed Frank loop shows an asymmetrical climb of the edge dislocation at one

side of itself during a prolonged irradiation time.
By comparing the results between pure Al thin film and Al-Cu alloys, the stable Frank
loops in Al-Cu alloys were observed during prolonged electron irradiation. It can be

attributed to the effect of inhibiting of the electron irradiation induced Cu clusters.
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4. By considering the result of the different sizes of Al and Cu atoms, the lattice
distortion between Cu coherent precipitates and the FCC-AIl matrix, namely strain

field, inhibits the dislocation climb or dislocation slip.
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Appendix 1

Kinetic MC simulation of the vacancy jump (in Chapter 3)

The MC simulation model is based on the residence time algorithm [89] and performed
by Dr. Zhao from Tohoku university. For the simulation, an Al supercell oriented in the
[110] direction was considered, which was identified from the experimental HRTEM
images and diffraction patterns. The supercell size (x- and y- direction lengths) was the
same as the captured observation field of view (the captured image size of Figure 3.4) for
the Al thin film. As all known that the Al vacancies jumped within a limited area in the
sample, which could be considered as the maximum jumping range of the vacancy.
However, the potential that they would jump outside the field of view and thus be invisible
to observers was present. In the simulation, to have the vacancy jumps occur only within
this field of view, a single vacancy in the centre of the supercell was set, which had
different thicknesses (i.e., z-direction lengths = 1.7 and 10 nm, corresponding to 6 and 34
layer atoms, respectively), and considered its initial position coordinate as (000). And the
jump frequency of this vacancy as 50 times/frame was also set, which was identical to the
experimentally observed jump frequency. To ensure the simulation was statistically
significant, the jumping process was cycled 1,000 times, thereby resulting in 1,000 frames
(50 s). Each cycle was run again when the vacancy in the previous cycle jumped out to
the simulation box in the x, y or z directions, and each jump was stochastic.

Two simulation videos (one for each supercell thickness) were obtained (video #A1
and #A2). Figures Al.1(a) and (b) compare images taken from these two videos. Both
images show the traces of vacancy jumping within the crystal during 1 frame (0.05 s).
The range of the traces can be considered as the jumping trace projection. Along the x and

y directions, the range significantly differed depending on the supercell thickness, and it
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was much smaller in the thinner supercell. For further investigation, Figures A1.1(c) and
(d) display the corresponding jumping trace maps within 1 frame using the Al lattice
models, which reveal the jumping ranges of approximately 0.17 and 8.35 nm? in the 1.7
and 10 nm-thick supercells, respectively, as indicated by the red circles in the images.
This difference indicates that the jumping range strongly depends on the supercell
thickness. As the sample thickness used in this study was thinner than 10 nm, the jumping
range should have been below 8.35 nm?. At the same time, the experimental observation
field of view used here was approximately 20.94 nm?, which was larger than the

simulated jumping ranges of single vacancy.
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Figure A1.1. Simulation results for a single vacancy jump during 1 frame (0.05 s) in a supercell
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with different thicknesses (¢). (a, b) Images snapped from the simulation videos within 1 frame
and (c, d) the corresponding jumping trace maps along with (e, ) the distance distribution
between the initial and final positions along the x and y directions.

To determine the possible distribution of this vacancy jumping, the present study
simulated the jumping distances between the initial and final position over 50 s (1,000
frames) for both supercell thicknesses, the results are shown in Figures A1.1(el)-(f2). The
resulting Gaussian distributions observed for both the x and y directions indicated that the
electron irradiation-induced vacancies always jumped within a certain range. However,
the height (frequency) of these Gaussian curves significantly differed depending on the
supercell thickness, i.e., the appearance of the frequency of the vacancy within a certain
range was much low in the thin supercell than that of thick. This result occurred due to
the vacancy more easily jumping outside the supercell in this case. These results indicate
that the vacancy jumping probability within a certain range strongly depends on the
supercell thickness: the thicker the supercell, the higher the appearance probability. This
simulation also provided an acceptable outcome: in these experimental observations, the
electron irradiation-induced vacancies appeared within a certain range and were almost
confined within the matrix.

To ensure the simulation conditions consistent with the experimental ones, this study
conducted an additional MC simulation. In the experiment, the irradiation rate was 0.0589
dpa/s, implying that approximately 100 vacancies were produced when capturing images
at 1 s (as shown in Figure 3.4[a]). In this successive MC simulation, a supercell with 100
randomly distributed vacancies was considered. The jumping parameters were the same
as those used to simulate the videos presented in the videos #A1 and #A2. The resulting

dynamical simulation video is presented in the video #A3. To ensure consistency with the
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experimental results shown in Figure 3.4(a), Figure Al.2(a) displays an image snapped
during the first second (20" frame) of this video, which shows the traces of 100 vacancy

jumps at different positions in the supercell.

Figure A1.2. (a) Distribution of 100 vacancies in each column in 1 simulated frame. (b)

Distribution of their corresponding jumping traces.

The observed overlapped traces could reveal where the jumping possibility was higher.
To further investigate this, Figure A1.2(b) illustrates the jumping trace distribution for
these 100 vacancies in each atomic column position for the frame considered, which
shows that each position was overlapped several times (red spheres) by the jumping of
these 100 vacancies. Each position reported an overlapping value, which indicated the
appearance times of the vacancies in these positions. Further, this represents the different
probabilities (different numbers of red spheres) of these vacancies jumping to different

positions. A high jumping time value signifies a high probability that the vacancies would
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jump onto these positions, and vice versa. Further, the different colours shown in Figure
A1.2(b) indicate different vacancy appearance times: the brighter the colour, namely the
larger the value, the greater the appearance time. Therefore, these different colours can
be translated to provide an inhomogeneous image. The abovementioned inhomogeneous
contrast experimentally observed in the HRTEM images might have been a result of the
different appearance times of the 100 vacancies in each position. From the above
simulations, both the single jumping vacancy and the 100 jumping vacancies
preliminarily demonstrate that the inhomogeneous contrast in the HRTEM images was
caused by the induced vacancies and vacancy clusters and can be identified via the 200
kV AC-TEM.

Moreover, vacancy clusters may form where the jumping probability is high as these
positions are able to aggregate more vacancies during prolonged observations, which
result in the darkest contrast in the HRTEM images. The darkest and most inhomogeneous
contrast observed in the experimental results, which is indicated by the red rectangle in
Figure 3.4(c), can be attributed to the presence of large vacancy clusters. Based on this
interpretation, it can further confirm that the continuous reduction of the atomic column
intensities shown in Figures 3.4(2) and (3) corresponds to a number of vacancy clusters

in atomic column.
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Appendix 2

MD simulation of dislocation pinning at coherent precipitates (in Chapter 4)

In section 4.2.4, to investigate the interaction between GP I zones and edge dislocations
during electron irradiation, the dynamical behaviour of the interaction was calculated via
MD simulation, which performed by Prof. Suzudo from Japan atomic energy agency
(JAEA). For the MD simulation, which was based on the FCC-Al lattice, one (001) GP
zone and one Frank loop (SF) on the (111)plane were initially prepared in three-
dimensional space, consisting of x, y and z axes of [110], [110] and [001] directions
[90]. To better show the interaction process, the (001) GP zone is shown by the blue
colour, and the (111) Frank loop as displayed by green colour is shown at the centre of
the MD simulation box. The GP zones in Al-Cu alloys were considered as single-layer
plates of Cu atoms with the width of 2 nm. The original size of the MD simulation box
was approximately 11 x 23 x 16 nm® and included 256,000 atoms.

To describe the climb of the edge dislocation, 0.001 tensile strain along the [110]
direction was imposed to the MD simulation box and atomic positions in the box were
relaxed. Noted that the step-wise tensile deformation was associated with step-wise
compressive deformation along the x- and z-directions according to Poisson ratio of Al,
i.e., 0.33, Figure A1.3(a) shows a snapshot corresponding to the 30" step of the lattice

relaxation as a key point of the MD simulation results.
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Figure A1.3. MD simulation results of the interaction between dislocations and a GP I zone. (a)
Snapshot of key moments of the simulation; (b-c) Interaction regions of (a) along the [112]
and [110] directions; (d) Complete interaction process in the MD simulation. The colouring of
atoms is based on common neighbour analysis method.
All steps of the lattice relaxation are presented as a video file (video #A4). In this movie,

the synthesis and growth of two edge dislocations (111) planes, at both sides (i) and (ii)
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of the faulted loop, can be observed. One edge dislocation at side (i) is climbing along
[112] and the other reached the GP I zone with a relative angle of 54.74°, as displayed in
Figure A1.3(a), showing considerable interaction. Figures A1.3(b) and (c) are slice views
of the MD simulation box at the crossing of the edge dislocation and GP zone along the
[112] (video #A5) and [110] (video # A6) directions. The green line connecting atoms
on the misfit strain field (blue spheres) can be considered as a dislocation line. It is clear
to see that the dislocation line was bent significantly under the influence of the negative
lattice strain field of the GP zone. The repulsive force was greatest in the red-circled area
in Figure A1.3(c).

The interaction between the dislocation and strain field of the coherent precipitate is
positioned at the initial stage of precipitation hardening, much earlier than the cutting-
Orowan transition. As described in slice images in Figures A1.3(d)-(f) (video #A7), the
lattice strain was perfectly relaxed when the GP zone was cut, and the dislocation passed
through. there iterated the deformation step until the edge dislocation was unpinned from
the GP-zone, where the tensile strain and stress were 0.033 and 2.27 GPa. Unfortunately,
the cutting of the GP zone and relaxation of the edge dislocation happened quickly and in
just one frame, which is indicated by Figures Al.3(e) and (f). Details of the cutting
mechanism in the GP zone were not simulated at the atomic scale. However, the present
MD simulation successfully defined the coherent Cu precipitate on (001) as having the
shorter bonding length of 0.132 nm working as an obstacle to the climb of the (111)
edge dislocation by the repulsive force between strain fields. This finding can be extended
to GP zones on the crystallographically equivalent (100) and (010) planes. Similarly,
general mixed dislocations can also be decomposed into independent edge and helical

components in dislocation theory, so the present inhibition effect of the strain field of
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coherent precipitates can be applied to actual Al-Cu alloys.
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